Introduction
Different types of yield instabilities under nanoscale contacts have been observed for over 30 years ͓1-3͔. One type involves displacement excursions of multiple dislocations occurring multiple times. This has been called "staircase yielding" as shown in Fig. 1͑a͒ for single crystal gold ͓4͔. We denote this as a multiple dislocation avalanche event. On the other hand, atomistic simulations of perfect surfaces, such as that shown in Fig. 1͑b͒ for aluminum ͓5͔, can detect the onset of the first dislocation nucleated. Henceforth, we will denote this type as a single dislocation event.
Here, "staircase yielding," which occurs subsequently as multiple load drops due to displacement control, can also be identified with single dislocation events. These events can occur during indentation of perfect surfaces. Surfaces with thin oxide films can also undergo multiple dislocation avalanche events, usually at much higher loads ͓6͔. What we will show in the present study is a simple model for these single dislocation and multiple dislocation avalanche events.
In many metals and semiconductors with oxide films there are in fact two yield points previously identified by nanoindentation which will eventually have to be considered by nanostructural designers. The first yield point of interest, often alluded to experimentally but most often not detected, is the nucleation of the first dislocation. This can occur at extremely early stages of contact at asperities or ledges or at defects in oxide films ͓3,7-13͔. Most often this should be represented by a displacement excursion on the order of a Burgers vector. Originally, experiments such as those run by Gane and Bowden ͓1͔, Gane ͓2͔, and Gane and Cox ͓3͔ associated with either large displacement excursions or resistivity drops were probably not detecting the first dislocation. In later experiments under ultra high vacuum ͑UHV͒ the first dislocations were probably detected in Ni ͓7͔ since the displacement, showing a plastic response, was only on the order of a nanometer. Much later Page et al. ͓14͔ proved by transmission electron microscopy ͑TEM͒ that dislocations in Al 2 O 3 had been emitted during a displacement excursion. Even later in a series of experiments on Fe-3% Si ͓12,13͔, GaAs ͓15͔, and tungsten ͓13͔ it was indirectly shown that dislocations were injected well below the first obvious yield discontinuity. For example, one could load and unload an Fe-3% Si single crystal to 2.0 mN with a diamond tip and the behavior appeared perfectly elastic. However, if the materials were cycled to one-third that load, after about six cycles a yield excursion representative of a large avalanche of dislocations occurred ͓12͔. It was proposed that a sufficient number of dislocations were emitted during each cycle to provide a local backstress to break through a thin oxide film at the Fe-3% Si surface. In the same set of experiments a hold at a constant load half of that required for a monotonically-produced yield excursion produced load relaxation. Permanent displacement was evident upon unloading again suggesting dislocation nucleation prior to the first discontinuous event observed on monotonic loading. At almost the same time Lilleodden et al. ͓15͔ observed reverse plasticity in GaAs after unloading from indentations prior to any yield excursion. Following this, Kramer et al. ͓13͔ in a series of elegant experiments on W ͑001͒ surfaces demonstrated that nanoindentations, produced at loads prior to a well-defined yield excursion, developed a depression. Even more significant, these plastic impressions disappeared by reverse plasticity during repeat scanning. These studies gave evidence that single dislocation events could be followed by multiple dislocation avalanches in materials with thin surface oxide films. On the other hand, in Au with an absence of an oxide film, Corcoran et al. ͓4͔ and Houston et al. ͓16, 17͔ found yield excursions that seemed to imply that the 1.8 GPa shear stresses observed were consistent with dislocation nucleation. This was also consistent with molecular dynamics modeling of homogeneous loop nucleation beneath the contact ͓18͔ in Au. Since then a large number of atomistic simulations on Au ͓18͔, Ag ͓19͔, Al ͓5,20͔, and Cu ͓21͔ have all indicated either displacement excursions or load drops associated with the first dislocations nucleated ͑see Fig. 1͑b͒͒ . These ideal situations are seldom if ever achieved experimentally unless one uses ultra high vacuum ͑with an adhesion problem͒ or passivates the surface with a selfassembling monolayer ͓17͔. Recently, the evaluation of silicon nanoparticles shown in Fig. 2 strongly suggested that single dislocation events could be detected ͓22͔. In expanded form, this is shown in the Fig. 2͑b͒ insert where it is clear that the sum of the displacement excursions is equivalent to the residual displacement on unloading. In a later paper ͓23͔ at higher loads, this equivalency breaks down due to reverse plasticity. For the first yield event, then, this most often occurs at very small nN or N forces and results in subnanometer displacement excursions. This is indicated by both atomistic simulations and nanometer scale contacts of nanospheres and nanocubes of silicon.
The second yield event of interest occurs on oxidized surfaces. Because of thin oxide films initially preventing egress of dislocations, the load at film fracture can be quite large resulting in a dislocation avalanche. We have proposed this occurs by dislocations created at lower loads. At increasing load, their backstress eventually creates a local stress sufficient to break the oxide film resulting in a dislocation avalanche ͓12͔. In these systems, single dislocation nucleation events can still occur which initially do not lead to dislocation avalanches. This would represent initial yielding. As to the second avalanche event, we will demonstrate that an energy balance criterion can model the behavior associated with an oxide breakthrough mechanism in Fe-3% Si single crystals having different oxide film thicknesses. It is emphasized that both of these events will most often occur at the same contact provided the load is increased to sufficient levels for oxide breakthrough.
To recapitulate then, we propose there are two yield point events in many small volume films and nanostructures covered with thin oxide films. The first is a single dislocation nucleation event which can be important to small force contacts which might compromise the operational characteristics of microelectronic, magnetic, optoelectronic, and microelectromechanical system ͑MEMS͒ devices. The second is a dislocation avalanche event which can be important to larger contact forces initially sustainable by oxide films. This represents the yield point most frequently observed except perhaps in gold which is not oxidized, but may have a weakly bonded carbonaceous film at the surface. As the second event can be cycle and time dependent, it is of importance to friction and wear processes in MEMS, shape memory products and biomedical leads which can be exposed to multiple cycles and long lifetimes. The following theoretical background, proposed model and experimental observations address these single dislocation and avalanche events, predominately in Si, Au, Al, and Fe-3% Si.
Single Dislocation Events
Recently, we have been evaluating the plasticity characteristics of nanospheres of silicon and titanium similar to that shown in Fig. 2͑a͒ . As explained elsewhere ͓22͔, these rapidly cooled particles from the melt are generally spherical and free of line and planar defects. Occasionally crystallographic facets at the surface and twin boundaries in the interior are found by TEM ͓24͔. For four reasons these make nearly ideal test specimens for single dislocation events. First, for small diameter nanospheres the contact area at initial displacements is very small allowing for contact stresses large enough to nucleate dislocations but insufficient to break the oxide film away from the contact. As the nanosphere is generally line or planar defect free the initial event is either a single loop nucleated from a step or contact edge at the free surface or one homogeneously nucleated in the interior beneath the contact. Second, no dislocation avalanche forms at low contact forces where the initial plasticity occurs. Third, even at larger plastic strains, avalanches of dislocations have not been detected. This is proposed to be due to the smaller dislocation content and the lack of long-range pileups producing large backstresses sufficient to break oxide films. Fourth, the volumes of the nanospheres are sufficiently small so that 1:1 experiment/simulation studies are feasible. Previous tests of these relatively ideal single crystal samples demonstrated that silicon had higher than normal strength, produced yield discontinuities at relatively low loads and under larger displacements work-hardened substantially ͓22,23͔. As they also exhibited reverse plasticity ͓23͔, it was concluded that dislocation plasticity was the main, if not the only source of plasticity. One can see that the Burgers vector sized steps in the load-displacement curve in the inset of Fig. 2͑b͒ sum to the total residual displacement. Additionally, some small volume TEM in situ indentation experiments into wedge shaped silicon samples demonstrated dislocation loops and no phase transformation ͓25͔. Finally, TEM images of a plastically deformed nanostructure of a similar size to the nanosphere provided evidence of dislocation activity but no phase transformation or amorphous phase ͓26͔.
The intriguing aspect of the multiple steps seen in the inset of Fig. 2͑b͒ described here and elsewhere ͓22,23͔ is that these each are on the order of 0.2 nm, slightly less than a Burgers vector in silicon. We have taken this as evidence of dislocation emission. As stored elastic energy was released when each of the yield excursions in the Fig. 2 inset occurred, it was first necessary to speculate on where the energy was absorbed. An obvious choice was plastic work associated with moving a dislocation. To solve this problem one needs to know where the dislocations nucleate, of what character they are and where they end up inside the nanosphere. For a single loop inside a sphere a solution by Willis ͓27͔ exists but it was desirable to have this for all of the steps shown. The situation was idealized to sequential prismatic loops of the same size as the contact radius, a. This is schematically shown in Fig. 3 . Emitting the first dislocation at the edge of the contact requires a force needed to exceed an image force combined with a resisting Peierls barrier. When it exceeds this, the dislocation glides to a new equilibrium position. There are three caveats here regarding the validity of the image force as used. One is that the loop would have to be slightly outside the contact to experience a free surface. The second caveat is that a vacuum is used to represent the image force condition meaning that the oxide film is broken. As this might act as the nucleation site, this is also possible and even if not, the modulus of SiO 2 is substantially less than Si ͑70 GPaϽ 160 GPa͒. The third caveat is that we consider prismatic loops while shear loops might be just as likely or more so. There is currently a work in progress to more clearly identify the dislocation character.
Given those caveats, a Hertizan stress distribution was utilized for a given spherical contact as provided by Johnson ͓28͔. This was further coupled to a dislocation model for crack tip shielding of a plastically polarizable material by Zhou and Thomson ͓29͔. By substituting the spherical contact stress field for the crack-tip stress field one finds a shear stress of
Here, p o is the maximum pressure, z i is the distance below the contact, a is the contact radius, is the Poisson's ratio, is the shear modulus, and b i and b j are the Burgers vectors of the ith and jth dislocations in this case assumed to be the same. Additionally, at zi = f , this friction stress may stop further dislocation motion. Then, by increasing the driving force and exceeding f , the dislocation may move freely to a deeper position below the surface where again zi = f and arrest occurs. A simulation using Eq. ͑1͒ is described more fully in the discussion of Fig. 3 later. The maximum pressure for a spherical contact is 3P /2a 2 , where P is the external load. The first term in Eq. ͑1͒ is the external driving force, the second term is the image force, and the third is the interaction force from any previously injected dislocations.
To check if Eq. ͑1͒ represents a reasonable description of the dislocations at equilibrium arrest positions we utilized experimen- . Their experiments involved nucleation of dislocations by a tungsten scanning tunneling microscope ͑STM͒ tip driven into an Au ͑001͒ surface. Hillocks representing surface displacements associated with dislocations just beneath the surface were detected at 40.4, 58, and 82 nm from the center of the indentation. As these dislocations were traveling parallel to the free surface as pushed by the tungsten tip, two caveats or modifications of the use of Eq. ͑1͒ were required. First, we assume semicircular isostress contours which, while not the elastic stress distribution, has been shown to be fairly representative of the von Mises stress for shallow indentations into tungsten. For this continuum simulation, a threedimensional, elastic-plastic finite difference formulation used the principle of virtual power ͓31͔. The modification is that the image force for the driving of dislocations away from the tungsten tip involves a bimaterial interface. This can be seen by tracing back the dislocations to their origin and arriving at the tungsten tip. In terms of Dundurs parameters, ␣ and ␤, the image force is given by
where b 1
Au is a o / ͱ 6 for the partial dislocation in Au and b 2 W is assumed to have the same form constituting the image dislocation. Also, 1 and 1 for Au are 30 GPa and 0.4 while 2 and 2 for W are 140 GPa and 0.28. The Dundurs parameters are
with ⌫ = 2 / 1 = 4.67. Calculation of the friction stress at the three positions noted by the Hillocks in the STM micrograph of Fig. 1 , Ref. 30, resulted in a friction stress of 90± 3 MPa. This required a use of R tip = 16 nm which is realistic since STM tips are often between 10-20 nm in radius. The satisfying aspect of this is that the friction stress is very close to the flow stress of 80 MPa previously used for indentation into Au ͑001͒ surfaces ͓32͔. With this confirmation, we return to the silion experiments and apply this to the first four displacement excursions in the inset of Fig. 2͑b͒ . Using Eq. ͑1͒, the modeling is accomplished with = 66 GPa, = 0.218, and b = 0.236 nm for this 39 nm diameter silicon sphere. The resulting stress on the assumed prismatic loop at distances z below the surface are shown in Fig. 4 for the load associated with each excursion. For the first one at P = 0.92 N, the dislocation sees an initial negative stress as the loop starts to form and gradually goes positive as it proceeds further beneath the surface. When the positive stress becomes sufficiently large to exceed the friction stress, here assumed to be a Peierls stress of 4 GPa, the dislocation can freely glide to a distance about 8 nm below the surface where it arrests also seen in Fig. 4 . A friction stress of 4 GPa, about one-third of the 12 GPa hardness for silicon, is due to its high Peierls barrier of 2.4 eV. For the second dislocation emitted at the bottom, we allow the positions of both the top and bottom to readjust until the forces are zero consistent with a Peierls stress of 4 GPa. A similar iterative procedure was used for the third and fourth dislocations alternatively allowed to nucleate from the top and bottom sequentially. The final positions of all four dislocations are indicated in Fig. 4 with z representing the distance from the top of the sphere for dislocations 1 and 3 and from the bottom of the sphere for dislocations 2 and 4. While the stress would continue to fall at the far right below the dotted line we terminate the curves there to show the dislocation arrest positions. The real work associated with moving these dislocations is the force on the dislocation per unit length, b, times the loop length, 2a, times the distance, z. For the first dislocation the position z is 1.02 nm. This is the distance the dislocation moves before it can glide freely to its equilibrium position where the stress equals 4 GPa. The plastic work then for this excursion is
͑2͒
Energy can also be absorbed by new surface creation. Here we take the contact area before and after the excursion, giving
and use ␥ s = 1.56 J / m 2 for Si. Using Eq. ͑3͒ requires an area of 2a 2 since there is a contact both at the top and bottom of the sphere. In addition to this energy absorbed, some elastic energy remains within the created loop, given as
where the first term in brackets is for a dislocation of half screw and half edge character, and the second term is the energy per unit length for a screw dislocation which includes a continuum description of the core energy contribution. The reason we pick a mixed dislocation representation is that it is probably more likely that shear loops are created as opposed to prismatic loops. In either case for the final summation of energy this makes a relatively small difference since the stored elastic energy is less than 20% of the total and pure screw versus half edge and half screw only varies by 14% making a maximum difference in the total energy of less than 3%. This energy that is absorbed or remaining is balanced by the external work such that
where the external work is Pd␦ exc . As shown in Table 1 these three terms represent 93± 20% of the work in the yield excursion. To examine whether the critical distances, z, below the indenter from Eq. ͑1͒ and used in Eq. ͑2͒ were realistic, we additionally checked an atomistic simulation by van Vliet et al. ͓20͔ conducted using a 13 nm radius indenter penetrating a defect-free Al ͑001͒ crystal. The load-displacement curve under predominantly displacement control exhibited the load drops shown in Fig. 5͑a͒ . From reviewing their on-line simulations ͑Ref. 40 in ͓20͔͒, it appeared that all load drops except the second one were associated with prismatic dislocation loop nucleation. With six dislocations nucleated, the discretized dislocation approach represented by Eq. ͑1͒ was simulated using = 26.3 GPa, = 0.33, b = 0.2865 nm and a friction stress of 0.35 GPa. After the first dislocation exceeded the friction stress at z = 1.62 nm, it would glide free and arrest at 12.4 nm, the highest curve in Fig. 5͑b͒ . The second dislocation could then be emitted until at 2.19 nm below the surface it could freely glide to 10.2 nm. In doing this the stress on the first dislocation rose to 0.49 GPa and then decayed back to 0.35 GPa at a new position of 15 nm. We know this is not completely accurate since the computer simulation cell is only 20 nm deep and we have assumed no image effect at the back free surface. When the original stress exceeds the friction stress at values of z = z * ranging from 1.6 to 4.8 nm, 6 loops are sequentially emitted under increasing load. These result in the load drops indicated in Fig. 5͑a͒ , the loads and z = z * values being indicated in Table 1 . As summarized in Table 1 , the proposed model determination of the dislocation work, surface work and stored elastic energy in the dislocation agrees well with the external work done except for the first dislocation, i.e., W ext compares well to W int in Eq. ͑5͒. For all of these cases, it is clear that this model appears to account for the external work done in the early stages of dislocation plasticity in small volume contacts. This also gives a reasonable basis for using an energy balance criterion when large numbers of dislocations are involved in an avalanche during a yield excursion.
Multiple Dislocation Avalanche Events
Multiple dislocations released in displacement excursions like those in Fig. 1͑a͒ might contain 20 or more dislocations. Here, the assessment is slightly different than that above for three reasons. First, it is too difficult to do the bookkeeping with the type of simulation represented by Eq. ͑1͒. Second, many of the dislocations may have escaped. The escape of dislocations which we know happens at indents with pileup implies either slip steps or oxide film cracking with new surfaces created. Recently, we have treated this with an energy balance criterion for somewhat larger plasticity in small volumes of various shapes such as shallow contacts of single crystals, nanospheres, and nanoboxes ͓26,33͔.
Constant Load Excursion, dP =0. For this larger scale plasticity we consider the energy absorbed by plastic work, W p , and surface energy, U s , to be balanced by the driving force, the external work, W ext minus the elastic energy change, U E . At constant load this is
Consider how this might apply to the relatively larger yield excursions shown in Fig. 1͑a͒ . These excursions in the loaddisplacement curves occur rapidly as dislocations are created and move faster than the indenter tip. We can use such a dislocation avalanche to evaluate the plastic energy absorbed. For a group of dislocations the energy absorbed plastically is the force per unit length of each prismatic loop multiplied by their length, their average distance moved and the number moved, giving 
where is a constant and ␦ is the depth of the indenter penetration. This gives the same result used previously ͓34͔ if c, the plastic zone radius, is equal to 2a, twice the contact radius. With plasticity the contact radius is best characterized by a geometric contact as given by a 2 =2␦R − ␦ 2 . For ␦ Ӷ R, this is given by ␦ = a 2 /2R. Taking the shear flow stress to be two-thirds the compressive flow stress with the latter being one-third the hardness, one finds ͓26͔
Besides plastic energy absorption, there is a surface energy absorption for indentation, again using ␦ = a 2 /2R given by,
The value of ␣ Ͼ 1 used here and elsewhere ͓26͔ is a recognition that a greater proportion of slip step emergence and/or oxide film fracture around the contact area represents new area greater than just the contact. For the stored elastic energy, U E , there are the number of dislocations in the avalanche, ␦ / b with an average length a. Parallel to Eq. ͑4͒, this term becomes
The latter approximation comes from the last two terms in brackets and the average length scaling with the tip radius rather than the contact radius as used in Eq. ͑7͒. This difference is in recognition that the final configurations of the dislocation would be larger than the initial if these are shear loops. Using Eqs. ͑7͒, ͑9͒, and ͑10͒ with Eq. ͑6͒ allows an energy balance similar to that for Eq. ͑5͒. From Eq. ͑7͒, a 2 is used as 2␦R, and Eqs. ͑9͒ and ͑10͒ remain the same. Writing Eq. ͑6͒ in terms of ␦ gives
One can see this reduces to
where o is constant for a given material being indented with a tip of radius R, and ␣, are greater than one. As before, we take the local shear flow stress to be two-thirds the compressive flow stress which in turn is one third the hardness or mean pressure. With a 2 =2␦R, this gives
For a yield excursion as in Fig. 1͑a͒ , dP = 0. With Eq. ͑12͒, this instability is represented by
This incremental decrease in flow stress is balanced by an incremental increase in displacement which increases contact area. One can show for the experiments to be described later that P ӷ o such that Eqs. ͑11͒ and ͑13͒ can describe an excursion from ␦ o to ␦ 1 by
It is seen directly that Eq. ͑15͒ is the incremental form of Eq. ͑13͒.
Fixed Displacement Excursion, d␦ =0. Here we use the equivalent energy changes for small excursions, Pd␦ = ␦dP.
͑16͒
Combining Eqs. ͑15͒ and ͑16͒ we find
Noting that d flow local is a decrease in flow stress, it is seen that P exc is a load drop. This represents the incremental form of Eq. ͑11b͒ for displacement control and o a constant. In the next section we compare these displacement and load excursion estimates to indentation observations like those in Fig. 1 but specific to instabilities where oxide film effects were known to be important. 
Discussion
Fortunately, a large number of yield instabilities had previously been observed under both displacement control producing load drops ͓34͔, and load control producing yield excursions ͓6͔ but not all of the details had been presented. Details are presented in Tables 2 and 3 for load and displacement control, respectively. A micromechanical test apparatus with a diamond indenter tip radius of 66 nm was used for the displacement control experiments while a Hysitron Triboscope with a Digital Instruments AFM with an indenter tip radius of 80 nm was used for the load control experiments. Two points are clear here. First, the severity of the displacement or load excursion increases as the indenter displacement increases. Second, it is seen for the load control experiments that there tends to be a clustering of data points with increasing displacement for the instabilities corresponding to an increase in oxide film thickness. As measured by ellipsometry, oxide thicknesses increased by thermal oxidation at different temperatures from 3.6 to 17.4 nm ͓6,13͔. The 40 instability points from Tables  2 and 3 
͑18͒
For the load drops, flow was used as 4.0 GPa. The models of Eq. ͑18͒ are shown as the solid and dashed curves in Fig. 6 . While the fit is good for the load control case, the displacement control case appears to overpredict the magnitude of the load drops. This is due to the micromechanical test facility used in those early experiments not being fully fixed displacement during the excursion. For example, the IBM designed nanoindentation system used in those early experiments ͓34͔ exhibited both load drops and displacement excursions in the same event. A typical case where the load drop was 115 N at a displacement of 30 nm gave a displacement excursion of 13 nm at the same time. If such an excursion had not occurred, the load drop would have been greater. The only other slight deviation are the greater than predicted displacement excursions associated with the crystal covered with the thickest oxide film. For the 17.4 nm oxide film in Fig. 6 , the excursions were underpredicted by about 20%. We strongly suggest there is an oxide film thickness effect not fully described by the present model. Finally, we checked to determine how appropriate our fitting parameters were for obtaining Eq. ͑18͒. In Table 4 , calculations of the incremental flow stress changes for the four different oxide film thicknesses are shown. These are based on the load control tests where the constant load was divided by the contact area at the start and end of the displacement excursion. The average value of −d / is 0.7 which is reasonably consistent with the value of 0.75 used for the models in Fig. 6 . Additionally, the value of 4.0 GPa for flow used is realistic for the three smallest oxide film thicknesses but not the largest. This again suggests a shortcoming of the present model regarding the exact role of oxide film thickness in these instabilities. Such approaches are under current investigation, one aspect being discussed elsewhere in terms of a surface energy argument ͓26͔. Finally, while the modeling has considered prismatic loops, we have mentioned the possibility of shear loops as well. Identifying which type is responsible is beyond the scope of the present investigation. For the silicon of Figs. 2-4, the nanosphere orientation is unknown. Even if known, it is not clear at these very high pressures that undissociated partial dislocations would be involved ͓35͔. For the Fe-3% Si, this body-centered cubic material could have slip on the ͕111͖ planes but the directions could be any of the ͗111͘, ͗112͘ or ͗123͘ vectors. Not until improved in situ nanoindentation devices incorporated into transmission electron microscopes are producing data ͓25͔ will such definition be possible for small penetration depths or small spheres.
Summary
Two plastic instability events that can occur during nanoindentation have been addressed. These involve single loop nucleation in the absence of oxide film fracture and multiple dislocation avalanches in the presence of oxide film fracture. The external work done for a single dislocation event is proposed to be mostly accounted for by dislocation work, surface work, and residual stored elastic energy. For multiple dislocations released during a film fracture event, it is shown that the instability condition can be highly sensitive to the oxide film thickness. These events are modeled by an energy balance criterion involving plastic energy absorbed and surface energy.
